Impurities such as hydrogen (H) and helium (He) interact strongly with dislocations in metals. Using a multiscale quantum-mechanics/molecularmechanics (QM/MM) approach, we have examined the interactions between the impurities (H and He) with dislocations (edge and screw) in α-Fe. The impurity trapping at the dislocation core is examined by calculating the impuritydislocation binding energy and the impurity solution energy. We find that in general both H and He prefer the tetrahedral sites at the dislocation core, as well as in the bulk; the exceptions are due to deformed structures at the dislocation cores. Both H and He have a greater solution energy and binding energy to the edge dislocation than to the screw dislocation. The impurity pipe diffusion along the dislocation core is investigated using the QM/MM nudged-elasticband method. We find that the diffusion barrier along the screw dislocation is lower than the bulk value for both H and He impurities. For the edge dislocation, although H has similar diffusion barriers as in the bulk, He has much higher diffusion energy barriers compared with the bulk. Finally we have examined the impurity effect on the dislocation mobility. We find that both H and He can lower the Peierls energy barrier for the screw dislocation significantly. The H enhanced dislocation mobility is consistent with experimental observations.
Introduction
Steels, particularly high strength and ferritic steels, have been used as primary structural materials in vehicles, bridges, naval vessels and fusion reactors, to name but a few. More often than not, these materials are subject to a harsh environment and their mechanical behaviors can be severely influenced by the environment. An extreme example is the ferritic steels used in the first wall of fusion reactors where irradiations could cause displacement damages and induce transmutation products, such as H and He in the steel [1] ; these irradiation products are detrimental to the mechanical properties of the steels. For example, H has long been found as the culprit of the embrittlement of steels at ambient and in particular in corrosive environments [2, 3] ; He is known to be responsible for void swelling and mechanical degradation at high temperatures [4] [5] [6] [7] [8] [9] . Understanding the interactions between these impurities and intrinsic or irradiation induced structural defects is a key step to develop a comprehensive multiscale model of the impurity effects on the steels. Since α-Fe is the base material and often taken as a first-order model for the advanced steels, in this paper we will examine H and He interactions with dislocations in α-Fe. Because diffusion of H and He impurities in Fe is important for its mechanical properties [9] [10] [11] [12] , we will study the site preference and the diffusion of these impurities in the dislocations. Furthermore, we will determine the impurity effect on the dislocation mobility by calculating the Peierls energy barrier in the absence/presence of the impurities.
Unfortunately, an accurate determination of impurities diffusion energy barriers along dislocations has remained rather challenging to this date. On the experimental side, the difficulty arises in tracking atomic motion via direct measurements of diffusivity; no such experiment has been reported so far for H and He diffusion in α-Fe dislocations. On the theoretical side, atomistic simulations have only been performed using empirical potentials for Fe. However, the accuracy of these potentials has long been the source of concern and debate; this is hardly surprising considering the enormous challenges to develop classical potentials that can capture quantum magnetism in addition to describing a myriad of other properties in multicomponent alloys. Nonetheless significant progress has been made to this end [13] [14] [15] [16] [17] . On the other hand, although quantum-mechanical simulations are more accurate and reliable than the empirical potentials, they are often computationally too expensive to treat extended defects such as dislocations. To the best of our knowledge, there is no report on the quantum-mechanical study of impurity diffusion in dislocations of Fe. In this paper, we will examine impurity-dislocation interactions in Fe using a quantum-mechanics/molecularmechanics (QM/MM) approach which describes the dislocation core and the impurities with QM simulations and the long-range dislocation strain field with MM simulations.
Methodology and computational models
In the QM/MM approach the system is partitioned into two regions: region I which contains the dislocation core and the impurities is treated with the density function theory (DFT); region II is treated with the empirical EAM potential developed by Shastry et al [18] . The EAM potential has been scaled to reproduce the same lattice constant and bulk modules as the corresponding DFT values. The two regions are coupled mechanically and the interaction energy is determined by EAM. Therefore, the total energy of the system can be written as
where the three terms on the right-hand side represent the energy of the entire system calculated by EAM, the energy of region I calculated by DFT and the energy of region I calculated by EAM, respectively. The technical details of the QM/MM method can be found elsewhere [19] .
Here we use the Vienna Ab-Initio Simulation Package (VASP) [20] for the DFT calculations; the projected augmentation wave [21] and the generalized gradient approximation (GGA) [22] are used for the pseudopotential and the exchange-correlation potential, respectively. The 1s state for H/He and 3d4s states for Fe are treated as valence states in the calculations. The DFT-GGA method has been successfully applied to describe the interaction of He with a variety of metallic systems [23, 24] including Fe [25] [26] [27] [28] . The atomic relaxation is carried out using the conjugate-gradient algorithm with the force convergence criterion of 0.02 eV Å −1 .
The diffusion energy barrier and the Peierls energy barrier are calculated using the nudgedelastic-band (NEB) method with the quick-min algorithm [29] . Five and seven intermediate images are used for the diffusion and Peierls barrier calculations, respectively. The same force convergence criterion of 0.02 eV Å −1 is also used in the NEB relaxation. Two types of dislocations in Fe are studied in this work, including b = [11 2] (z) directions for the edge dislocation, respectively. Fixed boundary conditions are applied along the x and y directions with the boundary displacement field determined by the isotropic elastic solution of the dislocations. The dislocation line is along the z axis in which the periodical boundary conditions are applied. Note that for the screw dislocation, the z-dimension of the simulation box is three times the minimal periodicity in this direction. Accordingly, the impurities are separated by 3a 2 1 1 1 = 7.35 Å for the screw dislocation and a 1 1 2 = 6.93 Å for the edge dislocation, which are enough to eliminate chemical interactions between the impurities. The DFT region (region I) for the screw dislocation is a cylinder with a diameter of 16 Å and the cylindrical axis is parallel to the dislocation line. The DFT region for the edge dislocation is a rectangular box of 16 Å × 12 Å along x and y directions, respectively, and the dislocation core is placed at the center. We have also included four additional atomic layers in the DFT region in a test calculation, but observed the identical dislocation core structure-an indication that the DFT region is large enough. The errors at the DFT surfaces are accounted for using a force correction scheme discussed in [19] . The entire system consists of approximately 50 000 atoms with 126 and 111 Fe atoms in the DFT region for the screw and the edge dislocation, respectively; the rest are EAM atoms. Since the vast majority of the atoms are in the EAM region, using EAM to calculate the interaction energy between regions I and II is a reasonable approximation. As a reference, we have also carried out Fe bulk calculations with the same simulation box dimensions as the dislocations. For all QM/MM calculations, a 1 × 1 × 5 Monkhorst-Pack k-point mesh is used. To determine the stacking fault energy, we perform stand-alone DFT calculations [30] [31] [32] with a supercell of 54 Fe atoms and the dimensions of 7.3 Å × 12 Å × 7 Å in the 1 1 1 , 1 1 0 and 1 1 2 directions, respectively; the shear is along the 1 1 1 direction across the {1 1 0} plane; the Fe atoms are relaxed in the 1 1 0 direction and the impurity atom is fully relaxed. The k-point mesh for the stacking fault energy calculations is 5 × 3 × 5. In all DFT-VASP calculations, we have used the MethfesselPaxton smearing scheme with the smearing width of 0.5 eV. The energy cutoff of all VASP calculations is 300 eV. A larger energy cutoff of 400 eV has also been tested in several cases which yield energy barrier differences less than 3 meV for He and H diffusion in Fe, compared with the smaller energy cutoff of 300 eV.
Results and discussion

Dislocation core structure and magnetization
In this section, we focus on pure Fe in an attempt to correlate the dislocation strain field to the local magnetic moments on the Fe atoms, relative to the corresponding bulk values. The QM/MM simulations predict a compact and non-degenerate core structure for the screw dislocation which agrees well with other simulation results [33, 34] . The local magnetic moment is calculated using VASP and the Wigner-Seitz radius for Fe is 1. the atom index and j sums over the nearest neighbors of the atom i; N nn is the number of the nearest neighbors. r ij and r 0 ij are the interatomic distances in the dislocation and the perfect lattice, respectively. For screw dislocation we find an increase in the magnetic moment (the maximum increase is 0.14 µ b ) at the dislocation core comparing with the bulk value. For the edge dislocation, there is an increase in the magnetic moment (the maximum increase is 0.40 µ b ) at the tension side of the slip plane and a decrease in the magnetic moment (the maximum decrease is 0.13 µ b ) at the compression side of the slip plane. The correlation between the dislocation strain field and the magnetic moments is clearly evident in figure 1. We have also calculated the bulk magnetic moment as a function of strain in figure 2 and found a monotonic increase in the magnetic moment as a function of strain (from compression to tensile). The magnetization-volume correlation observed in bulk Fe agrees well with the earlier work by others [35] . The correlation observed in bulk Fe is consistent with the results in the dislocations. The relaxed dislocation structures are then used as the starting configurations in which the impurities will be introduced.
Site preference
In order to evaluate the site preference of the impurities in bulk and the dislocation core, we calculate the impurity solution energy with the QM/MM method as follows:
Here X could stand for bulk, edge, screw dislocation respectively and Y represents either He or H impurity. The three energy contributions are the energy of X in the presence of the impurity Y, the energy of X in the absence of any impurity, and the energy of the impurity Y by itself. The more negative the solution energy, the stronger the binding between X and Y (or the site is more preferred by the impurity). In bulk Fe, we find that both H and He prefer the tetrahedral (T-) site over the octahedral (O-) site, consistent with other ab initio and atomistic results [26, [36] [37] [38] . In dislocations, however, the situations are more complicated owing to the lattice distortions at the core. For the screw dislocation, although T-sites are still preferred in general, some O-sites become more favourable for He as shown in figure 3 (b); these O-sites are more stable than their adjacent T-sites because of the larger space available along the vertical direction (cf figure 3(a) ). Another exception is 'pyramidal' (P-) sites in which H prefers to occupy; these P-sites are closer to the O-sites than to the T-sites. [25, 26, 39] . The large positive value of E s X,He and the negative value of E s X,H suggest that He is not bonded to the Fe matrix, while H is strongly bonded to Fe atoms. As shown in figure 4 , strong ionic bonding is clearly visible between H and Fe atoms, while there is very little bonding between He and Fe atoms.
We have also calculated the impurity binding (or segregation) energy to the dislocation core which is defined as the solution energy difference between the bulk and the dislocations:
Here 'dis' could be either edge or screw and Y represents H or He. The lower the binding/segregation energy, the more stable the impurity at the dislocation core; the negative value of the binding/segregation energy indicates that the impurity prefers to segregate to the dislocation core as opposed to staying in the bulk. The lowest binding energy of H to the screw and the edge dislocation is −0.27 eV and −0.47 eV respectively; the corresponding value for He is −0.49 eV and −1.66 eV, respectively. Therefore, both H and He are energetically most stable in the edge dislocation, less stable in the screw dislocation and least stable in the bulk. This energetic trend may be understood from the volume consideration: both H and He impurities expand the volume of the occupied tetrahedron, by 14% and 35%, respectively. Since the edge dislocation has more open space than the screw dislocation and the bulk, the binding energy is lower. It is worth noting that the binding energy of He to the screw and edge dislocation is −1.05 eV and −2.29 eV, respectively, obtained with an empirical potential [40] .
Impurity diffusion along the screw dislocation
First, we calculate the impurity diffusion energy barrier in the bulk with the QM/MM method. We find that the diffusion energy barrier is 0.09 and 0.05 eV for H and He, respectively, between two adjacent bulk tetrahedral sites; these numbers agree very well with the corresponding values (0.1 eV for H and 0.06 eV for He) obtained by others using ab initio calculations [17, 25, 41] . Next, we examine the impurities pipe diffusion along the screw dislocation with the QM/MM method. Both H and He diffuse between adjacent tetrahedral sites along the dislocation line, as shown in figure 5(b) . We have focused on two different diffusion 'pipes': (A) along the dislocation core in which all tetrahedra are equally distorted and (B) the 'pipe' next to the core in which the distortions are the not the same. The two pipes are displayed in figure 5(a) using the standard differential displacement map [42] . The diffusion barriers are summarized in table 1. We find that both H and He have a lower diffusion energy barrier along pipe A, which is 0.035 eV and 0.038 eV, respectively. These barriers are smaller than the bulk values because there is more space along the dislocation core for the impurities. The diffusion barrier of He is much smaller than the result (0.4 eV) obtained using an empirical potential [43] . The diffusion barrier along the 'pipe' B is 0.63 eV and 0.073 eV for H and He, respectively. Note that H diffuses through both T-sites and P-sites while He diffuses via both the T-sites and O-sites along the pipe B. We have also carried out a molecular-dynamics (MD) simulation for the screw dislocation with He impurity using the QM/MM approach. The temperature of the system is 800 K and controlled by the Berendson thermostat [44] . The simulated time is 1 ps consisting of 1000 MD steps; during the simulation, the He atom has diffused away from the its original position by approximately 6 Å, but still remains in the core region. The MD results suggest that the diffusion energy barriers in the core are in the order of the simulated temperature (0.07 eV) for the screw dislocation. 
Impurity diffusion along the edge dislocation
The diffusion along the edge dislocation is more complicated because the edge dislocation line is along the [11 2] direction whose periodicity is 6.93 Å, much larger than that of the screw dislocation (2.45 Å). Since the most stable sites of the impurities are located along the [11 5] direction which is tilted at 22
• with respect to the dislocation line, we project the diffusion path onto two perpendicular directions: (1) diffusion along the [11 5] direction; (2) diffusion perpendicular to the [11 5] direction; they are shown in red and green arrows, respectively, in figure 6 . In figure 6 (a), '1' and '2' are two equivalent tetrahedral sites along the [11 5 ] direction and '1' and '3' are two equivalent tetrahedral sites perpendicular to [11 5] . A diffusion path along the dislocation line can be regarded as a combination of the two elementary hops-'1-2' and '1-3' hops.
For H diffusion, we consider two types of occupancies which have about the same solution energy: (i) interstitials between the first and second layer at the tension side of the slip plane, see figure 6 (a) and (ii) interstitials at the slip plane, see figure 6(b) . The H diffusion barrier along [11 5] in case (i) and (ii) is 0.09 eV and 0.10 eV, respectively, which is the very close to the bulk values. The H diffusion barrier perpendicular to the [11 5 ] direction is 0.15 eV in case (i) and a very high barrier of 0.47 eV in case (ii). The difference is mainly due to the atomic structures of (i) and (ii), which are very different for the edge dislocation. For He diffusion, the diffusion barriers are shown in figure 6(c) of 0.15 eV and 0.48 eV, respectively, for the two elementary hops. The He diffusion energy barriers along the edge dislocation are much higher than those in the bulk and the screw dislocation for two reasons: (1) in the edge dislocation, He prefers the O-sites which are at the same plane of Fe atoms along the diffusion path. Therefore, He has to 'squeeze' between the neighboring Fe atoms, resulting higher diffusion barriers. On the other hand, in both bulk and the screw dislocation, He prefers the T-sites, which are not at the same plane of Fe atoms along the diffusion path, thus the energy barriers are lower. (2) He is energetically more stable at the edge dislocation core than in the bulk or the screw dislocation as shown in table 1. Hence comparing in the bulk and the screw dislocation, He has a greater tendency to stay put at the larger O-sites in the edge dislocation as opposed to diffusing out.
Impurity effect on dislocation mobility
Finally, we address the mobility of the screw dislocation by calculating its Peierls energy barrier, which is the minimum energy that a straight dislocation has to overcome in order to move in a crystal. We focus on the screw dislocation here because its mobility is much lower than that of the edge dislocation, hence its mobility is more relevant to the overall mobility of a curved dislocation or a dislocation loop. We use the QM/MM NEB method to estimate the Peierls barrier. The dislocation is placed at two adjacent 'easy' positions as the initial and final state, as shown in figures 7(a) and (c) respectively. The minimal energy path is found to be in the {1 1 0} plane, which is consistent with experiments [45] . The saddle point configuration ( figure 7(b) ) has a 'none-split' core structure, which is in agreement with other DFT calculations, but different from the 'split-core' structure observed using empirical potentials [46, 47] . The none-split core is very close to the 'hard' core configuration while the split-core means that the dislocation spreads into two 'easy' core configurations. The minimal energy path profile has a single-peak, consistent with the DFT-SIESTA calculations by Ventelon et al [46] . The Peierls energy barrier for the pure screw dislocation is 0.06 eV/b, higher than the results (0.027 eV/b and 0.033 eV/b) of Ventelon et al. The difference might be attributed to following reasons: first, we use the QM/MM method while Ventelon et al used both cluster and dipole models. In the cluster model, the dislocation is inevitably influenced by the surfaces; in the dipole model, although the net Burgers vector is zero, the dislocations nonetheless still interact with each other if the computational cell is not large enough-a typical situation for DFT calculation. In addition, any symmetry breaking event at the dislocation core (such as asymmetric core splitting and impurity position) and/or nonlinearity could lead to errors in the periodic simulations. However, it is not clear to what extend Ventelon et al calculation might suffer from the fictitious interactions. In the QM/MM method, these two problems do not arise. Second, our VASP calculation yields a unstable stacking fault energy γ us of 1.03 J m −2 or 64 meV Å −2 along the 1 1 1 direction in the {1 1 0} plane, which agrees well with other DFT results using plane-wave basis [48, 49] . However, our numbers are higher than those reported by Ventelon et al using the DFT-SIESTA method (0.77 J m −2 or 48 meV Å −2 ). Therefore, the different DFT methods (VASP versus SIESTA) themselves could also contribute to the different Peierls barriers. Although we suspect that the different basis sets-plane-waves versus localized atomic basis-are the source of the discrepancies, more studies are needed to nail this down. Last, different convergency criteria used in the NEB calculations could also attribute to the discrepancies. In the Peierls energy calculations with impurities, one impurity atom (H or He) is introduced at the dislocation core. In the presence of the impurities, the Peierls barrier becomes 0.03 eV/b for H and 0.02 eV/b for He impurity, respectively, shown in figure 8(a) . The reduction in the Peierls energy barriers is significant and can be explained from the calculated γ energy shown in figure 8 , respectively. In the presence of H, the covalent Fe-Fe bonding across the slip plane is significantly disrupted and Fe-H ionic bonding is formed at its expense. Since the ionic Fe-H bonding across the slip plane resembles the formation of positively and negatively charged plates, the energy cost is not as sensitive to the shear as for the covalent Fe-Fe bonding. Hence the γ -energy in the presence of H is lower. This effect is similar to what has been observed in Al [32] . On the other hand, the presence of He swells the surrounding Fe lattice-the interlayer distance across the slip plane increases by 0.3 Å. Since there is very little bonding between He and Fe, the cohesion across the slip plane is significantly weakened and thus is insensitive to the relative shear across the slip plane. The reduced Peierls energy barrier in the presence of H is also consistent with H enhanced local plasticity phenomenon which has been observed in many metals, including Fe [2] .
Conclusion
Using the multiscale QM/MM approach, we have examined the interactions between H and He impurities with the dislocations in α-Fe. The impurity trapping at the dislocation core is investigated by calculating the impurity-dislocation solution energy and the impurity binding energy to the dislocation cores. We find that in general both H and He prefer the tetrahedral sites at the dislocation core, as well as in the bulk; the exceptions are due to the deformed structures at the dislocation cores. Both H and He have a greater solution energy and binding energy to the edge dislocation than to the screw dislocation. The impurity pipe diffusion along the dislocation core is examined using the QM/MM NEB method. We find that the diffusion energy barrier along the screw dislocation is lower than the bulk value for both H and He impurities. For the edge dislocation, although H has similar diffusion barriers than the bulk, He has much higher diffusion energy barriers compared with the bulk. Finally we have examined the impurity effect on the dislocation mobility. We find that both H and He can lower the Peierls energy barrier for the screw dislocation significantly. The H enhanced dislocation mobility is consistent with the experimental observations.
